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Local Deformation in Carbon Black-Filled Polyisoprene Rubbers
Studied by NMR and X-ray Diffraction
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ABSTRACT: We study polyisoprene elastomers reinforced with carbon blacks (CBs) of various grades. In
addition to mechanical characterization at medium/large elongation ratios, we use deuterium NMR experiments
on stretched samples to measure the local strain within the elastomer matrix and X-ray scattering to measure the
onset of strain-induced crystallization in the reinforced systems. We show that NMR experiments and measurements
of the onset of crystallization are indeed sensitive to the different degrees of reinforcement observed according
to the various CB grades and volume fractions. The measurements show a good correlation between macroscopic
(mechanical) and microscopic (NMR, crystallization) measurements. This indicates that the techniques used here
are valuable techniques for characterizing reinforced systems in which fillers have complex morphologies and
dispersion states. The discrepancies between the results of both macroscopic and microscopic measurements are
analyzed. The local strain as measured by NMR is lower than the macroscopic strain. This indicates the presence
of some degree of local strain (or stress) inhomogeneity within the elastomer matrix in the reinforced systems.
This inhomogeneity is more pronounced in the presence of more reinforcing carbon black grades.

I. Introduction

Elastomers reinforced by the inclusion of solid particles or
aggregates show remarkable mechanical properties.' First, they
exhibit a strong reinforcement, as measured by the ratio of the
elastic modulus of the material to that of the pure, unfilled
matrix, which may be as large as a factor 100 in a limited
temperature range just above T,, and it extends over a broad
temperature range with smaller values, however. In practical
applications, reinforced elastomers are often used in this broad
temperature range. Reinforcement itself coexists with a strong
nonlinear drop of the elastic modulus (known as Payne effect),
irreversibility, and long-time relaxation, and an outstanding
resistance to tear and wear.> Filled rubbers of practical interest
are commonly reinforced with carbon black (CB) aggregates,
which exhibit fractal structures with various morphologies.*°

Although mechanical reinforcement by carbon black ag-
gregates has been known and extensively characterized for
almost a century, microscopic mechanisms are still far from
being fully understood, and a number of questions remain largely
under debate.” Several mechanisms have been proposed to
explain both reinforcement and nonlinear effects. The Guth and
Gold model relates the elastic modulus to the filler volume
fraction in a way that is analogous to the Einstein model for
the viscosity of a suspension of particles® in the linear regime.
The concept of local strain (or equivalently stress) amplification
has been used in a number of studies as a possible explanation
for the reinforcement.”~"" In such models, the local strain within
the rubbery matrix is amplified because of the presence of a
rigid fraction of material (fillers) as well as a fraction of the
elastomer matrix screened from the overall strain in the case of
fractal, structured reinforcing aggregates (the so-called occluded
rubber fraction).® Perfect cohesion is generally assumed at the
matrix/filler interfaces. A relation between strain amplification
and filler volume fraction was proposed and tested quantitatively
by small-angle neutron scattering (SANS) in model cross-linked
thermoplastic elastomers with PS spheres used as fillers within
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a PI matrix'? in a range of A between 1.0 and 2.0. It was shown
that the filler spheres undergo affine displacement and that in
this model system the strain amplification measured in the PI
matrix chains fits with a geometrical model. In an unfilled cross-
linked PI network, it was shown that the affinity holds down to
the scale of the network strands.'?

Reinforcement has also been described by a double network
(or “supernetwork’’) model in which a fraction of the elastomer
chains tightly bound to fillers form a secondary, large-scale
network of elastomer strands between fillers acting as cross-
links."*'> A submicrometric approach has been developed
recently in which a “virtual rubber” is constructed on the basis
of a realistic representation of the 3D spatial distribution of CB
aggregates, as measured by 3D TEM.'®!” The distribution of
local strain can then be computed in the reconstructed material
submitted to a macroscopic strain by finite element modeling,'®
assuming that the constitutive law of the elastomer matrix
remains unaffected by the fillers.

However, all of these models essentially correspond to
geometrical descriptions in which the fraction of the sample
that does not deform is given by the fraction of solid filler
particles or aggregates plus the fraction of occluded rubber and
perhaps an adsorbed elastomer layer with dynamical properties
strongly affected with respect to the bulk,'” which may also
contribute to an increase in the undeformed fraction of the
material. Such models can certainly not account for the strong
temperature variation of the mechanical properties, specifically
the huge increase in reinforcement in the vicinity of the
elastomer matrix glass transition. Nevertheless, the various
mechanisms described in these models may play a role in the
higher temperature range, which often effectively corresponds
to the application range, as mentioned above.

However, several mechanisms have been proposed to explain
nonlinear effects and dissipative properties: desorption/absorp-
tion of polymer chains at the filler surface;*® destruction/
reformation of the network formed by fillers,** specifically
when fractal aggregates are used,” or networking of fillers
surrounded by bounded polymer;**~2® and disentanglement of
the bulk rubber matrix from the bounded chains.?” Nonaffinity

and particle reorganization as well as the role of disorder were
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also considered'® to explain the Payne effect and other nonlinear
and irreversible phenomena.?®

There is relatively little direct experimental evidence of these
mechanisms, which are very difficult to distinguish from each
other on a microscopic scale. Also, the related parameters are
difficult to control independently.

A model based on the presence of glassy layers related to
the shift in the 7, matrix in the vicinity of the filler surface has
been proposed recently.>* ' On the basis of the measurements
performed in polyacrylate matrices reinforced with well-
dispersed, monodisperse silica particles, the reinforcement could
be modeled by considering an effective solid fraction including
arigid (glassy) polymer layer around filler particles,”***** which
was measured directly by NMR. By considering the temperature
variation of the glassy layer thickness, a new time—concentra-
tion—temperature superposition law for reinforced elastomers
was proposed.®® In practice, however, in elastomers reinforced
by aggregates that have a complex structure and interact in a
complex way, overlapping of glassy layers may have to be
considered in the temperature—concentration master curve
proposed from the study of model systems in ref 30. In some
other cases, it was argued that this layer of restricted mobility
is not the dominant effect on reinforcement.*

Therefore, altogether, there is clearly a need to relate
reinforcement properties to the nature and morphology of the
reinforcing system with regards to the volume fraction of fillers
and their morphology in the medium-to-large strain regime. This
demands correlating characterization of the macroscopic be-
havior to microscopic investigations in systems reinforced with
fillers that are perhaps quite complex. In this article, we address
the question of how the stress is transmitted on a microscopic
scale in elastomers filled with CB aggregates. As the strain
amplitude is increased, several distinct regimes are observed in
the mechanical response. The Payne effect,”’ which occurs
between 1 (or a few) % strain typically and a few 10%, is
characterized by a large drop in the storage modulus and
correlatively, a peak in the loss modulus. We focus here on a
medium to large range of deformation, beyond the Payne effect.
This regime has not been studied much quantitatively, even
though it is very important in applications of reinforced rubbers.
The bulk deformation of a tire typically amounts to 10 to 20%,
and the deformation may be much higher than that locally, for
instance in the tire tread. Strain-induced crystallization is another
important phenomenon that occurs in this range of deformation.
It is most pronounced in natural rubber, but it also occurs in
some synthetic rubbers, such as polyisoprene, provided that the
stereoregularity is high enough. It leads to self-reinforcement
by crystallites and to extremely high ultimate properties, such
as resistance to tear and abrasion wear.

We study CB-filled synthetic polyisoprene elastomers with
formulations close to industrially used systems. As control
parameters, we used CB of different grades, that is, various
fineness (size of primary particles) and morphologies and with
various volume fractions.

Understanding the various mechanisms associated with
reinforcement implies combining techniques that give access
to complementary information. Here we combine three inde-
pendent measurements of the elastic properties on different
scales. First, we characterize macroscopic elastic properties by
measuring large amplitude elongation stress—strain curves.
Then, we probe the local strain within the polymer matrix by
using deuterium NMR. It has been shown that deuterium NMR
gives direct access to local chain stretching, which in turn is
directly related to the local strain, or equivalently to the density
of elastic energy stored on the scale of polymer chain within
the rubbery matrix.*®*” Then, we determine the onset of strain-
induced crystallization by X-ray diffraction.
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Table 1. Characteristics of the CB Used”

N, adsorption DBPA
CB grade (10° m%/kg) R (nm) (107> m¥/kg)
N358 80 28 150
N326 78 28 72
N772 32 75 65

“ R is the primary particle diameter.

We discuss the results in terms of local strain amplification,
which provides here an appropriate way to discuss the differ-
ences in strain/stress behavior observed on various scales using
different techniques and which allows us to discuss the
differences obtained from the three independent measurements.
We relate these differences to the inhomogeneities of the local
stress (or strain). We compare these inhomogeneities in the
presence of CB of various grades.

The article is organized as follows. In Section II, we present
the systems used in this study and give some basics on the
techniques that are used to monitor the rubbery matrix on a
microscopic scale. We present and discuss the results in Section
MI.

I1. Experimental Section

A. Samples. The samples (kindly supplied by Manufacture
Francaise des Pneumatiques Michelin, Ladoux, France) have been
obtained by sulfur vulcanization of synthetic cis-1,4-polyisoprene
(synthetic rubber (SR), commercial denomination SKI 3). SR is
not perfectly regular and contains a few trans-1,4 and trans-3,4
monomers (overall amount 1.5 to 2%), which alters, but does not
completely suppress, strain-induced crystallization as compared with
natural cis-1,4 polyisoprene (natural rubber). The samples were
prepared by mill-compounding the vulcanization additives and
carbon fillers into the rubber using classical Brabender dispersion
and then curing the systems under standard conditions. We use three
different grades of carbon blacks (N358, N326, and N772) with
primary particle sizes ranging from 28 (N326 and N358) to 75 nm
(N772).3® The characteristics of the CBs are summarized in Table
1. The primary particle size (“fineness” of the CB) is determined
from nitrogen surface area. The structure is determined from
dibutylphthalate absorption (DBPA), which indicates that N358 is
more structured; that is, it has a less-compact morphology with
more branching, larger pores, or both inside the aggregates than
N326.%° We use two different CB fractions (30 and 50 phr,
corresponding to volume fractions of 0.143 and 0.217, respectively)
and three sulfur/accelerator contents (1.0, 1.5, and 2.5 phr sulfur),
which correspond to various cross-link densities, for each CB grade.
Samples are listed in Table 2. Test samples used in mechanical
and X-ray diffraction experiments were dumbbells of typical
dimensions: Ly = 12.5 mm long, 2 mm thick, and 5 mm wide.

The shear modulus in the linear regime was measured for some
of the samples at 7 = 23 °C with an ARES rheometer in
plane—plane geometry, at 1 rad+s ~! frequency and 0.1% amplitude.
The samples were 2 mm thick disks of 8 mm in diameter glues on
the rheometer plates with a cyanoacrylate (Loctite) glue. The values
of the shear modulus, G', are reported in Table 2, and the
corresponding values of reinforcement, R, in the linear regime with
respect to the same unfilled reference sample 1, defined as the
ratio G'/G'y (where G’ is the modulus of sample 1), are reported
in Table 4.

Quantitative characterization of CB aggregate dispersion is not
easily accessible in the samples. Small or ultrasmall angle scattering
is impeded by the presence of zinc oxide particles. Cryomicrotomed
lamellae for TEM tend to crumple at room temperature. Therefore,
the dispersion of CB aggregates was checked qualitatively by high-
resolution field emission gun (FEG) SEM (Hitachi). The accelerat-
ing voltage was 5 kV. The surface of the samples was carefully
washed with ethanol. No metalization was used. A representative
SEM picture of the dispersion obtained in sample 8 (50 phr N358)
is shown in Figure 1. The images obtained in all samples show
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Table 2. List and Characteristics of the Samples®

sample CB grade c (] s G' (MPa)

1 unfilled ~0 ~0 1.5 0.48
2 N326 50 21.7 2.5 43
3 50 21.7 1.5 35
4 50 21.7 1.0 3.0
5 30 14.3 2.5 1.6
6 30 14.3 1.0 1.45
7 N358 50 21.7 2.5 4.8
8 50 21.7 1.5 3.8
9 50 21.7 1.0 3.0
10 30 14.3 2.5 22
11 30 14.3 1.0 1.8
12 N772 50 21.7 2.5 1.8
13 50 21.7 1.5 1.4
14 50 21.7 1.0

15 30 14.3 2.5

16 30 14.3 1.0

“ ¢ is the CB content in phr, ® is the CB volume fraction in percent,
and ¢ is the sulfur (accelerator) content in phr (sulfur and accelerator are
in equal amounts in phr). In addition, all samples contain 3 phr ZnO and
identical quantities of other additives. G' is the shear modulus measured at
23 °C, 1 rad-s ! frequency, and 0.1% amplitude.

Figure 1. High-resolution field emission gun (FEG) SEM image
obtained in sample 8 (50 phr N358), showing the dispersion of CB
aggregates on a mesoscopic scale.

good dispersion down to a scale on the order 100 nm, which is the
typical size of CB aggregates. No micrometric agglomerates were
detected. Close inspection of the pictures shows aggregate cluster-
ing/chaining with an apparent nearer neighbor distance of a few
tens of nanometers and voids on the order of 200 to 500 nm. This
compares well to what is usually observed in elastomers reinforced
with well-dispersed CB aggregates.'®

B. Mechanical Measurements. Mechanical measurements were
performed with a homemade stretching device that controls the
displacement and measures the force. All measurements are done
at room temperature. Samples are stretched uniaxially at a typical
given rate of dL/dt = Lyé = 0.08 mm/s. The resolution in elongation
is 3 um. The elongation ratio is defined as A = L/Ly =€ + 1 (e is
the deformation). The true stress, 0,, is computed from the measured
nominal stress 0, as o, = Ao. In the following, we have chosen to
plot the true stress, g,, as a function of the strain function, A, defined
as

A=22-2"1 )

as is usually done in rubber elasticity. Note that the large amplitude
deformation cycles shown in Section IIIA as well as NMR and
X-ray diffraction results are obtained in as-prepared samples.

C. Deuterium Nuclear Magnetic Resonance Experiments.
Deuterium Nuclear Magnetic Resonance (NMR) measurements
were performed on a homemade spectrometer operating at a
deuterium resonance frequency of 61.4 MHz with a 9.4 T Oxford
magnet (proton frequency, 400 MHz) and a static Bruker probe.
We use a standard 7/2 sequence with a 90° pulse length of
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approximately 4.8 us and recycle delay of 1.2 s. The samples are
30 x 3 x 1 mm® stripes that are elongated within the NMR
measuring probe by a screw bolt system in a closed 5 mm glass
tube placed in the NMR coil. The stretching direction is parallel to
the static magnetic field, By. Samples have been elongated to a
typical deformation ratio ranging from 4 = 1 (reference, undeformed
state) to 3, as determined from the distance between two marks on
the sample measured with a stereomicroscope before and after NMR
acquisition.

Deuterium (*H or D) NMR has been extensively used to study
the orientational order induced in rubber network under uniaxial
stress.*® It was shown that deuterium NMR gives access to the
local chain stretching, which is directly related to the elastic energy
stored in the rubbery matrix on the scale of network chains.**-’
The approach used here consists of introducing within the elastomer
matrix a small amount (typically 2 wt %) of a perdeuterated solvent
(Dys-cyclohexane or Dys-dodecane), which is used as a probe of
the local anisotropy within the matrix.*' It is supposed that the
matrix properties are not significantly affected by the presence of
solvent. It was shown that the motion of solvent molecules is
coupled to the average anisotropy induced in the stretched elastomer
matrix (with a proportionality coefficient that depends on only the
polymer/solvent pair).*'

In an anisotropic medium, the quadrupolar interaction is partially
time-averaged by rapid molecular motions, and it differs from zero
because the orientation fluctuations of the C—2H bonds are
anisotropic on the typical time scale of 107> s. Therefore, for
motions uniaxial around a symmetry axis, which is the case in a
uniaxially stretched sample, the deuterium resonance line is split
in a doublet with a splitting (in frequency units) A = wqS, where
S is the orientational order parameter of the considered C—>H bond
and wq, is the magnitude of the quadrupolar interaction (~125 kHz
in hydrocarbon molecules). According to classical elasticity theory,
the average anisotropy in the elastomer matrix is related to the cross-
link density and to the local extension, and the order parameter, S,
of solvent molecules®® for an anisotropy direction parallel to the
manetic field By reads

_ R’ v
S—VWA~IT]A (2)

in which N is the average number of monomers or, more precisely,
statistical segments, between cross-links (1/N is the cross-link
density), a is the monomer size (on the order of, say, 0.5 nm), R?
is the average squared end-to-end vector of network chains (between
cross-links), and v is a parameter related to the orientational
coupling of chain segments to the solvent molecules on the order
of 0.2 to 0.3.*!

It follows that in an unfilled elastomer (described by entropic
elasticity) the solvent doublet splitting, A, varies linearly with the
strain function, A = A*> — 47!, which is the natural parameter
describing uniaxial elongation in an affinely deformed elastomer
network. Accordingly, we choose here to plot the splitting, A, as a
function of the strain function, A.

D. X-ray Scattering. A homemade stretching machine mounted
on an X-ray rotating anode generator (Cu Ka wavelength: 1, =
0.1542 nm) is used. Collimation reduces the beam diameter to ca.
0.2 mm. The displacement and the force are measured during in
situ drawing experiments. The experimental setup for monitoring
the onset of crystallization was described in detail in ref 42. Two-
dimensional diffraction patterns were collected by photostimulated
image plates. A typical diffraction pattern obtained in the nonre-
inforced sample at large elongation is shown in Figure 2. Three
diffraction rings due to zinc oxide crystals embedded in the rubber
are visible at large angle. However, the weak reflection at low angles
corresponds to the (003) reflection of the crystallized stearic acid.

The large diffuse ring is due to the polymer amorphous fraction.
The anisotropy observed in the diffuse ring intensity indicates that
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Stearic Acid

Figure 2. Typical X-ray diffraction spectrum from a sample (sample
7) stretched at A = 5. The drawing direction is vertical. Indexation of
the various crystalline peaks is indicated. Crystalline diffraction at low
q is due to stearic acid, as indicated.
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Figure 3. Intensity (in linear arbitrary units) measured in the linear
counter centered on the 200 Bragg peak of the crystallites (and placed
horizontally on the spectrum shown in Figure 2). Spectra obtained at
various elongation ratios, A, are calibrated to superpose the background
so as to measure the extra intensity of the diffraction peak.

polymer chains within the amorphous phase, or at least a significant
fraction of them, are quite strongly oriented.*’

Crystallization occurs as samples are stretched at relatively high
elongation. Bragg reflections indicate that crystallites are highly
oriented. The apparition and evolution of the (200) Bragg reflection
of polyisoprene is monitored as a function of elongation to estimate
the onset of crystallinity. This Bragg reflection has been chosen to
avoid overlap with the amorphous ring. A linear detector centered
on the (200) reflection and placed vertically (i.e., horizontally on
the pattern in Figure 2) is then used for quantitative measurements.
As the rubber matrix starts to crystallize, the (200) reflection peak
appears on top of the background (Figure 3). To extract the peak
intensity, the spectra are normalized to obtain equal backgrounds,
and the peak intensity is measured as the total area under the peak,
computed after substracting the normalized background and cor-
rected for sample absorption. This process is illustrated in Figure
3. Samples are drawn continuously at a speed of 4 = 1.2 x 1073
s~!. The acquisition time is 10 s.

II1. Results

We first present the mechanical measurements. We concen-
trate here on the medium/large regime of deformation. To get
more microscopic insight into the system by more directly
checking the strain on a microscopic scale within the elastomer
matrix, we have performed deuterium NMR experiments in the
same series of samples. NMR results are presented in Section
IIIB. X-ray measurements of the onset of strain-induced
crystallization have been performed with a two-fold purpose.
First, strain-induced crystallization may play a role in relaxing
part of the stress in the rubber matrix and thus may be
responsible for lower values of the effective, measured strain
amplification factor. It is thus essential to check whether the
samples crystallize in the range of elongation investigated.
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Figure 4. (a) Stress—strain elongation cycles (the true stress as a
function of the elongation parameter, A = A*> — 17!) in samples 1
(reference, unfilled sample), 3 (N326), 8 (N358), and 13 (N772)
measured at 7 = 22 °C and strain rate of 1 mm/s (which corresponds
to A = 0.08). This illustrates the effect of the carbon black morphology
on reinforcement properties. (b) Full range of strain (or stress) in which
the amplification factor, f; is computed, that is, up to a stress of ~8
MPa, which roughly corresponds to the onset of strain-induced
crystallization in the nonreinforced sample (indicated as Ay in the
graph). Only the stretching parts of the cycles are shown.

Table 3. P: NMR Slopes, P = Av/(A*> — A™'), Measured in the
Various Samples Swollen with 5% Deuterated Cyclohexane®

sample no. CB grade c bs P (Hz) Ax
1 unfilled 1.5 54 26.0
2 N326 50 2.5 117 44
3 50 1.5 88 6.4
4 50 1.0 66 8.5
5 30 2.5 82 6.7
6 30 1.0 52 8.6
7 N358 50 2.5 112 39
8 50 1.5 98 4.4
9 50 1.0 57 6.8
10 30 2.5 33 6.2
11 30 1.0 51 7.8
12 N772 50 2.5 108 8.3
13 50 1.5 78 8.9
14 50 1.0 85 9.3
15 30 2.5 97 8.7
16 30 1.0 64 10.9

“ Ax = A% — Ax': elongation parameter at the onset of crystallinity.

Second, the onset of crystallization by itself, as compared with
that in the nonreinforced reference sample, may give a measure-
ment of the local strain in reinforced samples within a strain
amplification picture. Results of crystallization measurements
will be presented in Section IIIC. Both NMR and X-ray
measurements give access to the local strain in the rubber matrix.
Therefore, a proper way to analyze and compare the various
data is to compute the “strain amplification factor”, which is
obtained by comparing the elongation ratio measured in a
reinforced sample at a given level of stress to that in a
nonreinforced sample, which is taken as a reference.
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A. Results of Mechanical Measurements. Examples of large
amplitude stress—strain cycles obtained in elongation at room
temperature are shown in Figure 4a in both a nonreinforced
sample (sample 1) and for samples filled with 50 phr of CB of
different grades (volume fraction 20%), with all samples having
the same rubber matrix, that is, vulcanized under the same
conditions with the same sulfur/accelerator content of 1.5 phr
(samples 3, 8, and 13). As mentioned above, we investigate
the behavior of as-prepared samples, and we have chosen to
plot the true stress as a function of the elongation parameter, A
=12 -1

The curves in Figure 4a illustrate the effect of the CB
morphology on reinforcement properties. As expected, the
obtained reinforcement, that is, the enhancement of stress in
filled samples as compared with the unfilled reference sample,
is higher for smaller primary particles, more structured CB
aggregates, or both.

Reinforcement of elastomers filled with solid particles/
aggregates has often been analyzed in terms of “local strain
amplification”,’”'" by comparing the strain measured in a
reinforced sample to that in a reference (unfilled) sample at the
same value of the stress (or of some other measured quantity,
as proposed below). This strain amplification representation
provides a simple way to analyze measurements, quantify the
reinforcement, and assess differences between results obtained
by different techniques in various samples. This representation
of the data is used here to allow a comparison of results from
different experiments that give access to the local strain. It is
used to compare a series of samples with a given arbitrary
reference sample rather than to quantify the effect of fillers in
a given sample.

Strain amplification factor is computed from stress—strain
curves as the ratio of the elongation parameter, A = A> — 17!,
measured in each reinforced sample to the value A,, measured
in the reference unfilled sample at the same stress value. (A,
may be considered to be the microscopic strain within the
elastomer matrix of the reinforced system, amplified with respect
to the macroscopic measured strain A.) The strain amplification
function, f; is then defined by

f=x 3

The elongation range considered here is illustrated in Figure
4b (same data as in Figure 4a), which shows the full range in
which the amplification factor, f, is computed. The upper limit
is chosen to be close to the onset of crystallization, which occurs
at about 1 ~ 5 (or Ax ~ 25) in the nonreinforced sample. (See
Section IIIC and Table 3.) Only upward (stretching) parts of
the cycles shown in Figure 4a are used to compute f and are
shown in Figure 4b. In Figure 4b, the stress softening associated
with crystallization is clearly visible around A ~ 30 on the curve
of the unfilled sample.

The strain amplification functions, fi..., computed from the
data in Figure 4b, are plotted as a function of the macroscopic
elongation parameter, A, in Figure 5 in the three samples
reinforced with various CB grades. There are two distinct
regimes in these curves. The steep decrease in the stress
amplification factor at small elongation amplitudes corresponds
to the Payne effect; that is, to the steep decrease in reinforcement
for strain amplitudes between 0 and a few 10%. Note that the
experimental curves in Figure 5 are not precise at small
elongation because of the uncertainty in determining the zero
stress point in elongation experiments. (A small stress value
on the order of 0.1 N is applied prior to starting the elongation.)
In this range, the factor fincreases progressively as A increases.

The amplification functions, fe, measured in all samples
from mechanical measurements, are reported in Table 4. The
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Figure 5. Strain amplification function, f, defined as the ratio f = (12,
— AaD/(A* — 27" from the curves in Figure 4. In each reinforced
sample, for a macroscopic elongation, A, measured at a stress, 0,, A, is
the elongation measured in the nonreinforced sample 1 at the same
level of stress. For each sample, the function f is plotted versus the
macroscopic elongation parameter A = A> — A~'. Beyond A ~ 0.5 to
1.0, f is approximately constant. At small A values, the steep decay
corresponds to the Payne effect.

Table 4. Amplification Factors, f (as Defined in Equation 3),
Measured in the Various Samples from Deuterium NMR Slopes
(famr), from Stress Measurements (f,..), and from the Onset of

Crystallinity (f,) (See Table 3)*

sample CB grade c b R JNMR Jnee fe
1 unfilled 1.5 1 1 1 1
2 N326 50 2.5 9.0 2.15 4.2 5.9
3 50 1.5 7.3 1.6 2.87 4.0
4 50 1.0 6.3 1.2 2.55 3.1
5 30 2.5 33 1.46 3.0 3.9
6 30 1.0 3.0 0.96 1.7 3.0
7 N358 50 2.5 10.0 2.07 6.0 6.6
8 50 1.5 7.9 1.82 5.51 5.9
9 50 1.0 6.3 1.05 3.8 3.8
10 30 2.5 4.6 1.51 3.6 4.2
11 30 1.0 3.8 0.93 32 3.3
12 N772 50 2.5 2.9 1.54 2.8 3.1
13 50 1.5 2.5 1.44 2.0 2.9
14 50 1.0 1.27 2.15 2.8
15 30 2.5 1.36 2.49 3.0
16 30 1.0 1.19 1.8 2.4

“ ¢ is the CB content in phr, ¢; is the sulfur/accelerator content in phr,
and R is the reinforcement of the shear modulus in the linear regime, defined
as the ratio G'/G'y, where G'y is the modulus of the unfilled reference sample.

values at the minimum of the curves f versus A are reported.
All samples, whatever their cross-link densities, are compared
with the same nonreinforced sample (sample 1) taken as a
reference. Note again that this is somewhat different from what
is usually done to study specifically the effect of fillers in terms
of strain amplification. The results of mechanical measurements
will be discussed in Section IV.

B. Nuclear Magnetic Resonance Results. Representative
deuterium NMR spectra obtained in D,s-dodecane introduced
in samples stretched to 4 = 2 are shown in Figure 6. The spectra
obtained in stretched samples (spectra b and d) exhibit char-
acteristic doublet structures that indicate that solvent molecules
undergo anisotropic reorientational motions within the stretched
samples.

The spectra obtained in Dj,-cyclohexane molecules exhibit
one single doublet because all 12 deuterons in the perdeuterated
molecule are equivalent. In D,s-dodecane, deuterons are not
equivalent. Two doublets appear, one from —CHj and one from
—CH, groups. The splitting of the doublet from —CHj is smaller
than that from —CH, groups by a factor on the order of 4.5.
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Figure 6. Representative examples of ’H NMR spectra of D,s-dodecane at room temperature: (a,c) relaxed samples, (b,d) samples uniaxially
stretched to 4 = 2, (a,b) nonreinforced reference sample, and (c,d) sample 8 reinforced with 50 phr N358. The dodecane concentration is 2 wt %
polymer. Note that only one doublet would be observed in cyclohexane, in which all ?H are equivalent.

Two effects contribute to this factor. First, rotation of methyl
groups around their axis decreases the splitting value by a
geometrical factor of 1/3. Then, it is likely that the orientational
order along the stretching direction decreases from the center of
the molecule toward the extremities. —CHj lines are extremely
narrow because all deuterons in —CHj; groups are equivalent. The
lines in the —CH, doublet are broader because they include
contributions from all —CH, groups along the chain, which may
have slightly different average orientations.

Spectra obtained in D,s-dodecane at a similar stretching ratio
in nonreinforced and reinforced samples, respectively, are
compared in Figure 6. The relatively modest line broadening
observed in the presence of fillers indicates that the dynamics
of solvent molecules is not strongly affected in the presence of
fillers. Actually, the observed line broadening may essentially
be attributed to magnetic heterogeneities related to CB para-
magnetism.** This suggests that the dynamics is not drastically
affected in the presence of fillers in the rubber matrix, or at
least in most of it. However, the superposition of signals with
very different splittings coming from mobile regions with
different local elastic energy (inhomogeneities of the local strain)
would lead to a pronounced broadening of NMR lines as well.
This is not observed, which means that solvent molecules are
ale to average local inhomogeneities by diffusing through the
matrix, which results in a single narrow (even though slightly
broadened) NMR line. This is a further indication of solvent
molecules retaining a fast dynamics in the presence of fillers.

The NMR splittings, A, are plotted in Figure 7 as a function
of the elongation parameter, A = 2> — 17!, for the same samples
as those in Figure 4 reinforced with different CB grades, together
with the corresponding nonreinforced sample. It is observed that
A is a linear function of A in all samples. No significant induced
crystallization occurs in the range of elongation investigated.
(See Section IIIC). Indeed, it was observed that the NMR
splitting tends to become constant as crystallization starts
because crystallization results in relaxing the stress within the
amorphous parts of the matrix.*’

The slope P = A/A is related to the average microscopic
degree of strain in the rubber matrix, according to eq 2. To
check the consistency of the approach, it is important to compare
the values obtained from mechanical and NMR measurements
in the nonreinforced sample quantitatively. Within the classical
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Figure 7. Examples of plots of the 2H NMR splitting, A, versus the
elongation parameter, A = 2> — 17!, in various samples swollen with
2% deuterated cyclohexane: <, nonreinforced sample 1; v, sample 13
(N772); A, sample 3 (N326); O, sample 8 (N358) (the same samples
as in Figure 4). Each set of data results from two independent
experiments on two different test samples of each index numbering.
Lines are approximate linear fits to the data.

entropic elasticity picture for a pure rubber, the shear modulus
may be written as G' = 0,/A = (kgT)/(Na?), and the NMR slope
may be written as: P = A/A = (2/5)((wqVv)/N) = (2I5)((wov)/
(ksT))G'a’, where N denotes the average number of monomers
between cross-links, a® is the monomer volume (on the order
of 1.2 x 1072 m?), and v is a coupling constant between solvent
molecules and polymer chain segments on the order of 0.2 to
0.3.*7 In the case of cyclohexane, the effective quadrupolar
constant, g, is on the order of 31 x 10° Hz.*> With G’ = 3.5
x 10° Pa (Figure 4), we obtain P ~ 50 Hz, which is indeed the
order of magnitude of the measured value. This indicates that
the local anisotropy in chain segments, as measured by NMR
(corresponding to an average level of strain on the scale of
network chains), indeed quantitatively corresponds to the
macroscopic stress in the unfilled sample within an entropic
elasticity picture, that is, with an elastic free energy on the order
of kgT per chain under stretching. Then, an important question
to understand reinforcement is to check whether this remains
true in reinforced elastomers.
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As mentioned before, Figure 7 shows that the splitting, A,
varies linearly as a function of A = A> — 17! in reinforced
samples as well as in the nonreinforced reference sample. From
the measured slopes, an amplification factor, fyvr, may be
defined for each reinforced sample as the ratio of its NMR slope,
P, to that of a reference nonreinforced sample, P,

) A
vk = I’To = A “

where A,, is the strain function measured in the nonreinforced
sample at the same splitting value, A. In the language of strain
amplification, A,, would be considered to be the average local
(microscopic) elongation ratio corresponding to the macroscopic
elongation ratio, A. This definition may be applied to the
comparison of the NMR slopes in any pair of samples. Here
all samples are compared with the same reference sample
(sample 1) in the same way as in Section IITA.

The linear variation and thus constant factor, fymr, observed
in Figure 7 is in qualitative agreement with the curves shown
in Figure 5, which show a slowly increasing fi. factor in the
medium/high elongation range. The NMR data in Figure 7 are
not precise enough to discriminate either type of behavior. Note
that the Payne effect, observed in the curves in Figure 5 at
smaller elongations, cannot be observed by NMR because the
doublet splittings are not resolved in the corresponding elonga-
tion range.

The NMR slopes, P, have been measured at room temperature
in samples with various CB grades and volume fractions and
various sulfur/accelerator contents, that is, various cross-link
densities. The obtained results are summarized in Table 3. The
NMR slope, P, depends in a more sensitive way on the sulfur/
accelerator content (i.e., on the cross-link density) than on the
CB filler grade or volume fraction. Therefore, the effect of fillers,
as measured by ?’H NMR experiments, is comparatively weak
with respect to that of the bulk cross-link density. In particular,
the slope, P, is not merely proportional to the filler content for
a given CB grade. The effect of fillers on the average local chain
stretching, as measured by NMR, has sometimes been inter-
preted to be that of an additional effective density of constraints
at the filler surface.*® Indeed, the observed linear variation could
also be interpreted to be an effective change in cross-link density
in the presence of fillers. However, the results presented here
show that this additional contribution remains rather small with
respect to the contribution arising from cross-links within the
bulk of the matrix. However, samples reinforced with N326
and N358 CB grades, which have about the same specific
surface area (but different structures), give different slopes.
Finally, note that the bulk cross-link density may perhaps be
quite inhomogeneous. This may in turn lead to variations among
the elastomer matrices themselves in addition to those due to
the presence of fillers with various volume fractions, structures,
or both.

In regards to NMR in CB-filled systems, relatively few studies
have been published. Some previously obtained results have
shown that, unexpectedly, no significant amplification of
orientation, as measured by 2H NMR under strain, occurs in
filled networks as compared with the pure matrix.*” This was
attributed to bad filler dispersion, with only a relatively small
specific surface area of the fillers in contact with the matrix,
thus leading to a relatively small fraction of the matrix
effectively affected by the presence of fillers. However, it was
shown by 'H NMR that fillers have very little effect on the
distribution of residual couplings in the relaxed state,*® which
shows that the contribution from additional effective cross-links
due to interactions at the filler surfaces remains very small or
even negligible. In contrast, it is observed here that the local
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Figure 8. (a) Relative intensity of the 200 Bragg peak as a function of
the elongation parameter, A = A*> — 17!, in the reference unfilled sample
1 and in the various reinforced samples. The measured intensity is
proportional to the crystallinity ratio. In each sample, the onset of
crystallization is measured as the intercept of the linearly extrapolated
intensity curve with the baseline, as shown in the examples shown in
(b) @, sample 7; O, sample 9; x, sample 12.

strain (as reflected in the average orientation of the solvent
molecules that diffuse within the mobile part of the matrix) is
significantly affected in the presence of fillers. This shows that
most of the matrix (not only the fraction in close contact to
fillers) is affected, that is, submitted to amplified local strain.
Such an effect on the NMR slopes was also observed in ref 46
in polyacrylate samples filled with well-dispersed spherical silica
particles.

C. Strain-Induced Crystallinity. Strain-induced crystalliza-
tion has a strong effect on the mechanical behavior of elas-
tomers. It leads to partial relaxation of the stress compared with
the same hypothetically noncrystallizing matrix.**~>* Therefore,
it is important to check this here because polyisoprene may
indeed strain crystallize, perhaps to a lesser extent than natural
rubber, however. Additionally, comparing the onsets of crystal-
lization in various samples may lead to an estimate of the local
strain. The variation of the crystalline 200 Bragg peak intensity,
Iy (measured as explained in Section IID), as a function of
the elongation parameter A = 2> — 17! is shown in Figure 8a
in various samples.

In the nonreinforced sample, the curve is qualitatively similar
to that obtained in vulcanized natural rubber.*>*>3~>> Therefore,
the behavior of the synthetic polyisoprene matrix used here is
qualitatively quite similar to that of natural rubber in this
respect.’® In the present work, we will not discuss the absolute
crystalline ratio but concentrate on only the onset of crystallinity
Ax (or equivalently Ax).

The first qualitative observation is that crystallinity starts at
an elongation A that is significantly smaller in reinforced samples
than in the nonreinforced sample. The variation of crystallinity
as A increases differs in the nonreinforced sample and in
reinforced samples. Even though it starts at much lower A values,
the subsequent increase is much slower in reinforced samples.
This has already been observed in NR as well.® This very
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Figure 9. Amplification function, fymr, measured from ’H NMR
experiments as a function of the amplification function, fx, measured
from the onset of strain-induced crystallinity for samples with various
cross-link densities and CB volume fractions. Three different CB grades
are used: O, N358; 00, N326; A, N772. The plain line would correspond
to famr = fx. Dashed lines are guides for the eye.

progressive onset of crystallization observed in reinforced
samples may be related to a distribution of local strains in the
presence of fillers. The apparent onset would thus correspond
to the most highly locally deformed areas within the rubbery
matrix. (See the discussion below.) This makes the exact onset
determination somehow difficult because of the limited sensitiv-
ity of peak intensity measurements. Figure 8b illustrates the way
in which the onsets are determined from the curves shown in
Figure 8a.

The values of the onset Ax measured in all samples are
reported in Table 3. The measured Ax values confirm that the
systems essentially do not crystallize in the elongation range
investigated here in both mechanical and deuterium NMR
measurements. X-ray diffraction data give the value of the strain
amplification factor, fx. The values of the strain amplification
factor, fx (as defined in eq 3), measured here at the stretching
ratio, Ax, which corresponds to the onset of crystallization in
each particular sample, are reported in Table 4.

The values obtained from crystallization data are on the same
order as or somehow larger than those obtained through
mechanical data. This has also already been observed in series
of reinforced and nonreinforced NR samples.**-33-3

IV. Comparison of the Various Measurements and
Discussion

The amplification functions, f, measured from mechanical
data, deuterium NMR experiments, and measurements of the
onset of strain-induced crystallization in the whole series of
samples (with various cross-link densities and CB volume
fractions) are compared with each other in Figures 9, 10, and
11. All factors, f, are computed by reference to the same unfilled
reference sample. Different symbols are used to distinguish
samples reinforced with different CB grades.

Before specifically discussing the results in Figures 9 to 11,
let us make some general comments on the present results. The
first point to emphasize is that different CB grades (i.e., CBs
with either different primary particle sizes or different structures)
give different reinforcement properties. Indeed, it is well
recognized that the particle size, aggregate structure, and surface
area of the carbon black are important parameters of reinforce-
ment. It is shown here that the reinforcement level of the various
CB grades is not simply related to the specific surface (i.e., to
the overall quantity of interface present in the system). Indeed,
CB grades N358 and N326 have about the same specific surface
(as measured by N, absorption isotherms, Table 1) and give
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Figure 10. Amplification function, fymr, measured from NMR experi-
ments as a function of the amplification function, fi,., measured from
mechanical experiments for samples with various cross-link densities
and CB volume fractions. Three different CB grades are used: O, N358;
O, N326; A, N772. The plain line would correspond to famr = finec-
Dashed lines are guides for the eye.
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Figure 11. Amplification function, f;,.., measured from mechanical data
as a function of the amplification function, fx, measured from the onset
of strain-induced crystallinity for samples with various cross-link
densities and CB volume fractions. Three different CB grades are used:
O, N358; O, N326; A, N772. The plain line corresponds to fx = fiec-

different reinforcement when added at the same volume fraction.
This indicates that in the presence of complex structured filler
aggregates, the volume density of interface area is not the
primary (or certainly not the only) parameter needed to describe
and interpret reinforcement properties.

We use a strain amplification representation to compare
mechanical measurements with X-ray scattering and NMR
measurements, which essentially measure the local strain. It is
shown in Figure 5 that several distinct regimes occur succes-
sively in the mechanical response of the reinforced systems as
the elongation amplitude increases.

First, in the Payne effect regime (below roughly 20% strain),
the modulus (or equivalently, the amplification factor, f) drops
quite steeply as the strain increases, which indicates that
processes other than elastomeric elasticity are at play. Indeed,
it has been proposed that reinforcement properties in the linear
and Payne effect regime may be explained by the presence of
a glassy layer around filler particles, related to long-range T,
shifts induced in the vicinity of a strongly interacting inter-
face.*>” This has been specifically shown in a series of studies
in model reinforced systems filled with monodisperse, well-
distributed silica nanoparticles.*>*** In the present systems in
which filler aggregates have a complex structure and perhaps
interact quite strongly, the stress may be transmitted in the linear
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regime mainly by glassy bridges, which may then break
progressively as the strain increases. Note that such 7, shifts
have not yet been decisively measured in CB reinforced systems,
particularly because of paramagnetism of carbon black, which
broadens NMR lines in a way that cannot be conclusively
distinguished from motional broadening.** Note also that
microscopic mechanisms that are more complex than mere strain
amplification and are related to reorganization of filler particles
or aggregates may occur in the medium/large deformation

range.”®

The second regime, more specifically considered here, is very
different from the Payne effect regime. It corresponds to a level
of true stress up to 3 or 4 MPa in Figure 4 or equivalently to an
intermediate range of deformation, defined roughly from 4 =
1.1 to A =2 or 3 depending on the particular reinforced sample.
(See Table 3.) In this regime, it is shown that mechanical data
give a roughly constant or slightly increasing strain amplification
factor, f = An/A (eq 3). Then, it is not essentially different to
consider the factor, f, or the stress amplification at a given
elongation. In this regime, the level of reinforcement is relatively
low, corresponding to f'values from 2 to 5 in the various samples
considered here. (See Table 4.) This is smaller than the
reinforcement of the shear modulus measured in the linear
regime, which is in the range of 3 to 10. (See Table 4.) Note
that other CB-filled systems may have much higher reinforce-
ment in the linear regime.”

Such moderate levels of reinforcement suggest that the
response of the reinforced systems is essentially elastomeric in
the full medium/large elongation range and at the temperature
considered here or, in other words, that the modulus in the
elastomer matrix is on the order of the elastomeric modulus of
the pure matrix. This is an important result of this article, which
validates experimentally geometrical approaches in this range
of deformation. The values of the strain amplification factors
obtained here are typically in the same range as those that may
be computed from the model f= 1+ 2.5®/(1 — 2®d) proposed
in ref 12, which gives f= 1.96 for ® = 0.217 and f = 1.5 for
® = 0.143. However, this model was tested in model systems
with spherical fillers and is not intended to account for the
differences induced by various CB morphologies. Here the more
reinforcing CB gives an f value (with the same cross-link density
as that of the reference) that is significantly higher than the
predicted value. This is related to the large degree of interaction
between filler aggregates, which occupy an effective spatial
fraction larger than their mere volume fraction. However, the
Jamr value tends to be smaller than the predicted value, which
indicates some degree of nonaffine reorganization of the fillers.

Here we compare the f values measured in each sample with
different techniques, rather than quantitatively discuss the values
obtained in various reinforced samples (with both different cross-
link densities and/or different fractions and morphologies of CB
fillers). In regards to the variation of the amplification factor, f,
as a function of the elongation function, A, mechanical and
NMR results are qualitatively consistent with each other, as
previously mentioned above. However, the data obtained from
various techniques, which are compared in Figures 9 to 11,
deserve further discussion. In reinforced systems with homo-
geneous local strain and elastic modulus within the matrix, all
three measurements should give the same value of the enhance-
ment function, f{1), at a given macroscopic strain. Indeed, it is
observed that the various measurements give f values that are
well correlated and of the same order of magnitude. As is the
case for the mechanical behavior, ZH NMR and X-ray diffraction
are sensitive to both the volume fraction, ®, and the structure
of the CB filler aggregates. This indicates that the higher level
of mechanical reinforcement obtained with more reinforcing CB

Macromolecules, Vol. 42, No. 7, 2009

T P(A)

<A,> A

Figure 12. Sketch of a distribution PA(A,,) for the local strain parameter
An = 2% — Ay' at a given macroscopic strain, A. <A,,> is the average
given by NMR measurements, A, is the onset of strain induced
crystallization. This illustrates the difference between NMR and X-ray
measurements. (See Figure 9.)

grades is effectively correlated to a higher level of local strain
in the investigated regime.

The differences in the various measurements indicate some
degree of inhomogeneity of the local strain in the presence of
filler aggregates in reinforced samples. Indeed, because of the
large distribution of distances between filler particles or ag-
gregates, the deformation may perhaps be strongly nonaffine,
and the local strain may vary considerably on the scale of filler
particles or aggregates (typically 100 nm).

Let us first compare NMR data with measurements of the
onset of crystallization (Figure 9). As shown in Figure 9, the
NMR values are systematically about three times smaller than
Jx. As discussed above, the matrix is likely to be mostly in the
rubbery state at large elongation and, specifically, at the onset
of crystallization. The differences between both measurements
may thus essentially reflect inhomogeneities of the local strain.
Let us describe the elongational strain by the parameter A =
A% — 171, as done before, and assume that a distribution PA(A.,)
of the local (microscopic) strain parameter, A, is associated
with the macroscopic (applied) strain, A. (See Figure 12.)
According to eq 2, neglecting local variations of the elastic
modulus and assuming fast solvent diffusion, 2H NMR mea-
surements give the average order parameter S(A) = v/N [
PA(Am)An dA, = vIN<A>; that is, NMR gives access to the
average local strain parameter within the matrix. Note that we
have supposed here that the local strain is essentially uniaxial
with a variable elongation ratio, A,,, thus neglecting 3D effects.
However, crystallization occurs first in the most stretched zones,
that is, as the right-hand side of the distribution PA(A,) reaches
the onset A, (as shown in Figure 12). The crystallization curve
would then be given by X(A) = [ Xo(An)Pa(An) dAn, where
Xo(A) describes the crystallization curve in the pure matrix. This
may also account for the more progressive onset of crystalliza-
tion in reinforced samples as compared with the reference
sample observed in Figure 8, already mentioned in Section IIIC,
which is then a further experimental indication of an inhomo-
geneous strain level in the reinforced matrix.

The difference between fymr and fx shown in Figure 9 thus
reflects the width of the local strain distribution P(A,,). Figure
9 shows that this difference depends on the grade of the CB
used as reinforcing fillers. It is all the more pronounced as a
more reinforcing CB is used. This is an important result of this
article. It indicates that more reinforcing CB grades (finer, more
structured, or both) are associated with a broader distribution
of the local strain or, equivalently, with a higher level of stress
inhomogeneity. This may be related to a broader distribution
of interparticle (or interaggregate) distances in the presence of



Macromolecules, Vol. 42, No. 7, 2009

the more reinforcing CB aggregates. Indeed, this distribution
of distances may be one key feature that determines the different
levels of reinforcement. Also, Figure 9 indicates a way to
discriminate the effect of filler morphology and cross-link
density on reinforcement. Also, note that part of the local
inhomogeneity of the samples may come from the presence of
zinc oxide aggregates.®°

Note that a distribution of local strain on a mesoscopic scale
was explicitly computed using the ‘virtual rubber’ approach at
15% external strain in a CB-filled rubber.'®'”®" A trimodal
distribution was found, with an “occluded” region (relative
weight 7%) having very small local strain, a majority (60%)
region at 15% strain, and a region (33%) with strain amplified
four to five times. It may be considered that the NMR value
reflects the majority region or the overall average of the local
strain distribution, whereas the crystallinity onset reflects the
strain amplified region. Therefore, the values obtained here are
in qualitative agreement with this model. However, the present
results do not allow us to discriminate a multimodal distribution
of local strain, as computed in ref 16 from a distribution
exemplified in Figure 12. Note that in the “virtual rubber”
approach, the constitutive law for the rubbery matrix is supposed
to be the same as that for the pure matrix. Therefore, the
comparison that is done here is a further indication that the
elastomer matrix is indeed in the rubbery state in the elongation
range considered herein.

Let us now compare NMR data with mechanical measure-
ments. As shown in Figure 10, the function f, as measured by
NMR, is 2 to 3 times smaller than the value fi,.. given by
mechanical data. This difference indicates that mechanical
properties are not related to the average local chain stretching
only. Some zones that participate in the NMR averaging process
do not participate in the stress transmission; conversely, a
fraction of the stress is transmitted through zones in the material,
namely, fillers, which do not participate in the NMR averaging.
Let us consider now the correlation between mechanical and
X-ray measurements (Figure 11). Values of f.. are well
correlated to fx, which was already observed in various
reinforced NR samples.**>> This correlation indicates that the
parts of the elastomer matrix that predominantly contribute to
the stress are those that crystallize first, that is, those with the
larger local strain.

V. Conclusions

We have studied polyisoprene elastomers reinforced with
carbon black aggregates of various grades by combining
mechanical measurements and techniques that give access to
the microscopic strain within the elastomer matrix, namely, >H
NMR, which measures local chain stretching in the elastomer
matrix, and X-ray diffraction, which gives strain-induced
crystallization. We have investigated the medium/large deforma-
tion regime beyond the Payne effect and below the self-
reinforcement due to strain-induced crystallization.

We have shown that NMR experiments and measurements
of the onset of crystallization are indeed sensitive to the different
degrees of reinforcement observed according to the various CB
grades (and volume fractions). The measurements show a very
good correlation between macroscopic (mechanical) and mi-
croscopic (NMR, crystallization) measurements. This indicates
that the techniques used here are valuable techniques for
characterizing such systems, in which filler aggregates have
complex morphologies and dispersion states. The correlation
between the various results suggests that the mechanical
response is essentially elastomeric in the elongation regime
investigated, in contrast with the Payne effect regime. When
quantitatively comparing the results of both macroscopic and
microscopic measurements, there are some discrepancies: the
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local strain measured via NMR experiments is systematically
smaller than that inferred from large amplitude mechanical
measurements and from the onset of crystallization. NMR
measurements give an average of the local strain within the
elastomer matrix, whereas crystallization first occurs in the most
strained parts of the matrix. The observed difference is thus
related to the distribution of local strain, or nonaffinity, within
the matrix. This indicates the presence of some degree of
inhomogeneity in the elastomer matrix. The degree of strain
inhomogeneity depends on the CB grade, which is used to
reinforce the elastomer. It is larger for a more reinforcing CB.
This indicates that reinforcement is correlated to the local strain
(or stress) inhomogeneity. This inhomogeneity may be related
to the distribution of distances within the systems.
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